Introduction
Due to their high theoretical gravimetric capacity, alloys have garnered much attention as potential high energy density anodes in energy storage applications [1e3] . Specifically, silicon exhibits a theoretical maximum gravimetric capacity of 3579mAh/g, an order of magnitude greater than that of the state-of-the-art graphite anode ($ 372mAh/g) [4] . While several other values for theoretical gravimetric capacity corresponding to formation of Li 21 Si 5 [5, 6] (4008mAh/g) and Li 22 Si 5 [7e10] (4199mAh/g), it has been shown that these phases cannot be reversibly formed, even when cycling at elevated temperatures [4, 5] . Silicon also suffers from several performance-inhibiting attributes stemming from its large volumetric expansion under lithiation and its chemical reactivity with the liquid electrolyte. The large volume expansion (up to 300%) of the Si electrode results in mechanical pulverization and loss of electrical contact which reduces the capacity as well as the cycle life of the system. Efforts to reduce the degradation have been creative ranging from i) the use of nano-sized particles/architectures [11e15], ii) thin films [16e18], to iii) porous or hollow particle [19e21] , and iv) core-shell particles [22e24] . Common to all these attempts is the increased Si surface area to volume ratio, which, while alleviating the internal strain under lithiation, also increases the reactivity with the electrolyte, lowers the volumetric energy density of the composite anode and increases the amount of native surface SiO 2 . The growth of SiO 2 on Si has been well studied both in the semiconductor and the energy storage field, and is found to be tunable, in composition, thickness, and crystallinity, by varying the concentration of oxygen, water present and temperature during the synthesis process [25] . The native SiO 2 surface layer on bulk Si anode particles is usually found to be amorphous due to its rapid formation under ambient conditions, and strain with respect to the underlying Si phase [26] . However, despite recent attention, the native oxide layer's impact on the Si anode electrochemical performance remains elusive [27] . On one hand, the presence of SiO 2 has been suggested to promote a first-cycle functional surface electrolyte interface (SEI) formation through the passivation of the anode [28, 29] . Core-shell architectures consisting of a SiO z layer grown on a Si nanotube were, as a "mechanical clamping layer", found to restrict Si swelling to the interior channel [28] . Additional studies on sub-stoichiometric silicon oxides (SiO z for z < 2) suggest the oxide layer is active during the cycling of the material. Jung et al. [30] used first-principles molecular dynamics to investigate the lithiation behavior of substoichiometric amorphous SiO, finding a theoretical capacity of 3172mAh/g corresponding to the composition Li 5:22 SiO. Furthermore, they also hypothesized that a SiO anode, thermodynamically evolves towards LieSi alloys and Lisilicates(Li 2 Si 2 O 5 , Li 6 Si 2 O 7 , Li 4 SiO 4 )/Li 2 O, respectively [30] . In a similar study, Chou et al. [31] used first principles to study the structural evolution of amorphous SiO 1=3 during lithiation, finding an increase in the LieSi bonding and the formation of Li 6 O complexes.
On the other hand, bulk SiO 2 exhibits a high impedance, caused by its low electrical conductivity and low Li mobility [32] . Hence, some studies suggest that, as opposed to bulk SiO 2 [33] , a thin SiO 2 surface layer remains inert under lithiation, due to the activation energy and overpotential required to break the strong SieO bonds. For example, Ariel et al. reported on the use of a 9 nm SiO 2 film as a solid electrolyte. By monitoring the voltage of the Li y CoO 2 /SiO 2 /Si cells while charging, they suggested that SiO 2 was both electrically insulating and unreactive to Li, allowing for Li transport from the Li y CoO 2 to the Si to form Li y Si [33] . In contrast, other reports claim that SiO 2 surface films react with Li to form lithium silicates, Li silicides and even Li 2 O upon lithiation [11,34e36] . Zhang et al. [34] studied the structural evolution, electronic conductivity, and ionic conductivity of Li in SiO 2 films on SiC nanowires. The lithiation of the SiO 2 thin film was observed by TEM, revealing the presence of Li 2 O and Li 4 SiO 4 upon lithiation of amorphous SiO 2 . Multiple reports show that a thicker SiO 2 surface layer causes increased irreversible capacity loss and low coulombic efficiency, due to Li consumption in the first cycle [29, 35] .
Numerous experimental studies on the diffusivity of Li in c-Si and a-Si report highly disparate values ranging from 10 À16 cm 2 s À1 -10 À8 cm 2 s À1 in Refs. Li x Si [18,37e46] . Diffusivity of 10 À9 cm 2 s À1 to 10 À7 cm 2 s À1 is found in amorphous Li y Si (for 0 < y < 3:75) and 10 À10 cm 2 s À1 to 10 À9 cm 2 s À1 in c-Si using ab-initio molecular dynamics (AIMD) [47, 48] . Using nudged-elastic band (NEB) and Kinetic Monte Carlo (KMC), the diffusivity of Li in c-Si is found to be 10 À13 cm 2 s À1 to 10 À12 cm 2 s À1 [49, 50] , even as low as 10 À16 cm 2 s À1 to 10 À8 cm 2 s À1 in a study by Yan et al. [51] Similar to the range of results and conclusions pertaining to the reactivity of SiO 2 , the ionic conductivity and Li kinetics of amorphous SiO 2 , as a function of lithium content is contentious. Li diffusion in Li 4 SiO 4 was studied using 2-D NMR techniques, which yielded high relaxation times, correlating to high Li activation energies of 756e850 meV and 530e700 meV, for the crystalline [52] and polycrystalline [53] Li 4 SiO 4 phases, respectively. In the amorphous phases, Gobel et al. [54] found conflicting activation energies within the same sample using NMR and electrical conductivity measurements; 228 meV and 673 meV. A recent study by Ostadhossein et al. also found slow Li diffusion using reactive force fields in amorphous Li y SiO 2 for 0:5 < y < 3:5 and suggested a concave diffusion behavior with concentration; 10 À15 cm 2 s À1 for y ¼ 0:5, increasing to 10 À9 cm 2 s À1 at y ¼ 1:5 and then decreasing again to 10 À13 cm 2 s À1 at y ¼ 2:5 [55] . The opposite trend is observed by Zhang et al. using AIMD, finding monotonic decreasing diffusivity for 0:1 < y < 1:0 in amorphous Li y SiO 2 [34] . On the other hand, Du et al. [56] reported consistently high diffusivities of 10 À4 cm 2 s À1 -10 À5 cm 2 s À1 in glassy yLi 2 O À ð1 ÀyÞSiO 2 at 800K using classical molecular dynamics simulations. Additionally, Jung et al. [30] find a high Li diffusivity of 1:8 Â 10 À8 cm s À2 in crystalline Li [34] . In particular, the Li insertion kinetics and structural evolution of Li y SiO 2 has only been studied, using first principles calculations, within a subset of the lithiation range, 0 < y Li < 1, despite a maximum theoretical lithiation capacity of 0 < y Li < 8:2. In this paper we investigate the lithiation thermodynamics and kinetics of amorphous Li y SiO 2 for the full concentration range 0 < y Li < 8:2, using Density Functional Theory (DFT) and AIMD and compare its properties -using the same methodology -to the crystalline phases as well as to bulk amorphous and crystalline Si.
Computational methods

Density Functional Theory calculations
The Vienna Ab-Initio Simulation Package (VASP) [57, 58] was used for all first-principles calculations presented. We use the projector augmented-wave (PAW) potentials [59] along with the Perdew-Burke-Ernzerhof (PBE) generalized-gradient functional (GGA) [60] . In structure optimization calculations, all lattice parameters and atomic positions were fully relaxed using a plane wave cutoff of 520 eV, at a minimum reciprocal lattice k-point density of 64 per Å 3 . The parameters used for all calculations are extensively benchmarked by the Materials Project and can be found in the Python Materials Genomics (pymatgen) documentation in the MP Relax and MP Static sets [61] . Structures for the crystalline materials were taken from the Materials Project whereas amorphous structures are created as described in section 2.2. Ab-initio molecular dynamics (AIMD) simulations were performed with the NVT ensemble as implemented in VASP using a time-step of 2 fs, with a plane wave cutoff of 400 eV and one gamma centered kpoint to reduce the computational cost.
Generating amorphous structures
An AIMD based workflow was used to generate representative amorphous structures for Li y Si and Li y SiO 2 , for 0 < y < 5 according to a 'melt-quench' methodology previously demonstrated on several amorphous oxide systems [62, 63] . The workflows for generating amorphous structures are constructed using the pymatgen, Fireworks, and atomate software packages [61, 64, 65] , and are available at http://github.com/materialsproject/mpmorph. First, atoms were randomly distributed in a cubic simulation cell following the desired composition using packmol [66] , at a density $ 20% larger than the crystalline compounds. Unit cell sizes were constrained to $ 100 atoms to ensure reasonable runtime of AIMD simulations. Thus, we note that for some of the high Li content structures, few Si atoms are present. The pressure was then equilibrated through a series of constant temperature AIMD simulations at 3000 K, rescaling the unit cell between each AIMD simulation until an internal pressure of 0 bar was realized, and a stable melt is obtained. Energy equilibration was achieved in a 10 ps simulation before snapshots of the melt were collected at regular intervals from a final 10 ps production run. The snapshots of the system were quenched following a stepped cooling scheme with 400 fs cooling and 1 ps isothermal steps. Final structures were optimized using VASP with higher precision parameters compatible with the Materials Project calculations, as described above in section 2.1.
Lithiation thermodynamics
The formation energy (U F ) for the amorphous phases is calculated with respect to crystalline termini (Si, Li, and O 2 ) as;
where U LiySiOz , U Li and U Si represent the DFT-calculated ground state energies of the silicides/silicates, bcc Li and diamond cubic Si, respectively, in units of eV/atom. U O2 is the energy per atom (eV/ atom) of O 2 with an applied gas correction [67] . The ground state energies are used to construct the low-temperature phase diagram, and the electrode potential (E) of each phase triangle is obtained as:
where m Li is the chemical potential of Li in a lithiated phase, m 0
Li is the reference chemical potential of bcc Li metal, e is the elementary charge of an electron, and n is the number of Li inserted. Under this framework, the calculated electrode potentials are referenced to the Li/Li þ reference electrode, and will be provided as such 
Here, x represents the mole fraction of element j within phase i.
At room temperature, DG can be approximated by the change in ground state energy, DG rxn z DU rxn [69, 70] . For the lithiation of Si, DU rxn ¼ U F ðLi y SiÞ, while the in the lithiation of SiO 2 , DU rxn ¼
The gravimetric capacity, C (mAh/g), of each Li y Si or Li y SiO 2 phase is calculated according to the following equation.
where N A is Avogadro's number, MW is the molecular weight of the starting electrode, 28.09 gmol À1 and 60.08 gmol À1 for Li y Si and Li y SiO 2 , respectively, and 4:45*10 À20 is the conversion factor from the elementary charge, e, to mAh.
Lithium diffusion
Following the simulation of amorphous structures discussed in section 2.2, the Li diffusivity was calculated from AIMD simulations at 500 K, 1000 K, and 1500 K. Three starting structures, equally spaced, were chosen from the 3000 K AIMD trajectories, the volume of the cell was equilibrated for each temperature (P ¼ 0 kbar) before production runs. From the trajectories, the mean square displacement (MSD) as a function of time t is calculated with timeaveraging to improve the collected statistics as:
here r is the vector of unwrapped coordinates of each atom, N is the number of diffusing atoms, T is the total simulation time, t 0 is the lag time, and i is the Li atom index. The diffusion coefficient, D, is obtained from the slope of the MSD versus time in the linear regime. We used 200 ps AIMD simulations and an upper bound of 70% of the maximum simulation time in determining D [71] . The diffusion coefficient at room temperature, 25 C, is obtained through extrapolation of an Arrhenius model fitted to the average D values calculated for each of the three high-temperature AIMD simulations. Estimated numerical errors of the diffusion coefficient are obtained from the variance-covariance matrix, for the regression to the Arrhenius equation, through the propagation of uncertainty.
Results and discussion
In the following sections we present and discuss the resulting Si and SiO 2 amorphous structures and their short-range order motifs and benchmark the structures against previous experimental results, as well as the phase stability, voltage profiles, and Li diffusion as a function of Li content.
Short range order and Si connectivity in amorphous Li y Si and Li y SiO 2
First, we establish that the resulting 'melt-quench' Li y Si amorphous phases are good representatives of the local structures formed during electrochemical Li intercalation, e.g. by comparing them to the short-range order motifs previously established experimentally [72, 73] . To probe the medium-range order of the system, the Si networks were examined over the composition range using a clustering approach that identifies groups of Si atoms based on bonding and connectivity. Two Si are said to belong to the same aggregate if there is a path between them passing through other bonded Si atoms [74] . The clustering summarized in Fig. 1 qualitatively agrees with previous reports [73] on Li y Si local motifs. As a function of increasing Li content, we observe that a Si network structure is initially present before y ¼ 0.5 (LiSi), as shown in the inset of Fig. 1 , rapidly breaking up into smaller clusters by y ¼ 1.7 (Li 12 Si 7 ) . Thereafter, a gradual transition occurs between y ¼ 1.7 and y ¼ 3.25 (Li 13 Si 4 ) where the Si aggregates no longer percolate through the structure, leading to an increasing amount of Si dumbbells and isolated Si. The formation of small clusters previously described [72, 73, 75] appear at y ¼ 1.7. At compositions y > 3.25, dumbbells dominate although a sizeable fraction of 4-atom clusters exhibiting linear as well 'Y' (see Fig. 1 ) arrangements, similar to those seen in crystalline Li 12 Si 7 [76] , are also present. In the highest lithiated state studied, y ¼ 4.2, isolated Si and dumbbells are the most prevalent motifs. While the breakup of the Si network and formation of clusters would be expected for random atomic configurations, with decreasing Si concentration, the formation of these Si aggregates is not commensurate of truly homogeneously distributed atoms, suggesting that the structures formed capture the chemical interactions between the Li and Si atoms. This is supported by charge population studies conducted by Chevrier et al. [77, 78] and Kim et al. [79] of amorphous and crystalline Li y Si, which show a significant increase in Si charge state and nearly constant charge state for Li with increasing Li content, suggesting Si charge state is dependent, primarily, on its local environment. An equivalence of Si charge state in the amorphous and crystalline phase is also observed, further confirming the similarity of the Si local environment in both the amorphous and crystalline states. Hence, in summary, we believe that an acceptable agreement between the simulated amorphous Li y Si local motifs and those found by electrochemical lithiation is established.
In order to understand the evolution of local arrangement and ionic coordination in the computationally-derived amorphous SiO 2 , as a function of lithiation, we follow a similar procedure. The simulated amorphous SiO 2 structure exhibits sharp peaks corresponding to SieSi, SieO, and OeO bonding centered at 0.30 nm, 0.18 nm, and 0.28 nm respectively. As a comparison, the average bond lengths in the amorphous lithium silicides for SieSi, SieLi, and LieLi are found at 0.24 nm, 0.26 nm, and 0.27 nm, respectively. With increased Li content in SiO 2 , a new peak appears in the SieSi bonding at 0.24 nm as seen in Fig. 2a , characteristic of the SieSi bond length in Si and Li y Si. This peak grows with the addition of Li, indicative of the formation of more SieSi bonds, until y ¼ 3 where the peak's decline is seen due to the formation of isolated Si atoms, characteristic to Li 21 Si 5 . As more Li is added, this peak grows in magnitude until the initial 0.30 nm bonding disappears by y ¼ 3, indicating a break up of the SieSi network. In parallel, the OeO peak (see Fig. 2b ) at 0.31 nm, corresponding to Li 2 O bond lengths, increases in height which indicates formation of Li 2 O environments. Hence, the overall trend with lithiation of amorphous SiO 2 is increasing LieO and LieSi bond formation, at the expense of SieO bonding, in agreement with previous results on substoichiometric SiO z [31, 80] To further examine the short-range order and network formation in the silicates,the analysis applied to the lithium silicides Li y Si is modified to extract coordination and connectivity information for the multiple species found in the LieSieO system. Here, Si and/ or O are defined to exist in the same aggregate if a path links the two through bonded Si and/or O atoms. Within this approach, the aggregates belong to one of three groups (indicated in Fig. 3 by color); i) those containing Si and O, ii) those with only Si, and iii) the O which only binds to Li e.g. Li 2 O environments. Similar to the Sinetworks in the silicides, the silicates are found to maintain large SieO networks in amorphous SiO 2 and LiSiO 2 as seen in Fig. 3 . Lithiation past LiSiO 2 causes network fragmentation and isolation of substoichiometric SiO z regions. Beyond z ¼ 1, Fig. 3bed ), the formation of Li 2 O environments are also observed. Consequently, a decrease of the O/Si ratio in LieSieO clusters, for aggregate sizes < 0.2, between Fig. 3c and d is observed, commensurate of the formation of Li 2 O -like environments at the expense of Li y SiO z . Comparisons between the observed local environments and the prediction of thermodynamically stable phases are elaborated upon in Sec. 3.2. Fig. 4a ) shows the calculated LieSieO phase diagram at low temperature, which is constructed from the calculated formation energies (for details, see section 2.3), for the crystalline and amorphous phases respectively. The convex hull, which constructs the energy envelope of the thermodynamically stable phases [81] , is depicted with lines and the low-temperature stable phases as nodes along those lines. We emphasize that metastable compounds, e.g. those with energies above the convex hull, may be observed experimentally if the energy difference is small compared to the room temperature driving force for structural reorganization, similar to the case of amorphous Si. Fig. 4b ) shows the binary convex hull for the LieSi composition line in the phase diagram, where the calculated crystalline and amorphous metastable phases are indicated. We note that Li 15 Si 4 and Li 22 Si 5 are both experimentally observed silicides[82e84], exhibiting formation energies of 1 meV/atom (within the accuracy of the employed DFT methodology) and 18 meV/atom above the hull, respectively. Similarly, we note that the amorphous states exhibit a high degree of metastability, ranging from 10 to 500 meV/ atom, above the convex hull, however, the convex hull for the amorphous phases alone follow a similar trend as for their crystalline counterparts, as a function of Li content, in agreement with Kim et al. [79] This suggests that the relative difference in formation energy between compositions originates primarily from changes in short-range order LieSi motifs. We note the importance of adapting the local structure to the chemical evolution, as simply replacing Si with Li on an fcc lattice is thermodynamically unfavorable [50, 85] . The formation energies, in Fig. 4b) , exhibit a minimum around x ¼ 0:75 corresponding to the composition with the largest reaction enthalpy, with respect to the terminal phases (e.g. yLi þ Si/ Li y Si). Amorphization of Si upon lithiation has previously been reported as an electrochemically-driven solid-state process [86, 87] , where regions of high Li concentration contribute electrons to the antibonding sp 3 orbitals of Si, weakening the SieSi bonds allowing the formation of metastable amorphous phases. We further note that the high degree of metastablility of the amorphous phases suggests that crystallization is limited by kinetics. Crystallization of the Li 15 Si 4 phase, however, has been observed in experimental studies [75, 88] and rationalized as the interplay of higher diffusivity and the lack of SieSi bonds in the structure. The formation energy plots in Fig. 4 b) provide additional insight into the crystallization. After Li x Si 1Àx amorphization, further lithiation will trace the amorphous curve in Fig. 4 b) , however when the driving force for lithiation reaches 0, near x Li ¼ 0:78ð3554mAh =gÞ, further Li incorporation into the amorphous matrix is no longer energetically favorable. Hence, alloying with additional Li occurs only through a transformation from the amorphous to the crystalline phase, thus forming the Li 15 Si 4 phase, which is the highest lithiated phase observed in experiments [73] . After c-Li 15 Si 4 is formed, the formation of c-Li 21 Si 5 is thermodynamically favorable, however, its absence in room temperature experiments suggests that the formation of Li 21 Si 5 is kinetically hindered. This is in agreement with Kwon et al. who observe Li 21 Si 5 only when lithiating between 100 and 120 C [5] .
The lithiation process in the LieSieO system
As indicated by the dashed line in Fig. 4a ), SiO 2 is thermodynamically driven to lithiate. The predicted lithiation process passes through ten 3-phase regions consisting of lithium silicides, silicon, and stoichiometric lithium silicates, until the end products Li 2 O and Li 21 Si 5 are formed. Following this compositional trajectory, we examine the calculated formation energies of a range of Li y SiO 2 amorphous compositions, shown in Fig. 4c) , and compare to the combined energy of the crystalline phases as obtained through the convex hull of the phase diagram (illustrated by the same color scheme in Fig. 4a ). Similar to the lithiation of Si, the amorphous structures are metastable as compared to the crystalline states and the overall shape of the lithiation convex hull is similar for both crystalline and amorphous phases. Again, the common trend suggests that the energy differences between the compositions are dominated by the local LieSieO environments, rather than longer range interactions, which are dissimilar in the crystalline and amorphous states. In the initial charging (lithiation of the anode), Si will be locally extruded within the native oxide layer, thereby forming lithium silicate environments. As shown in Fig. 4a ), the formation of lithium silicates will occur for any composition of nonstoichiometric SiO z , for z < 2, that may be found on the Si. Further charging will promote various Li silicide formation until Li 2 O, Li 13 Si 4 , and Li 21 Si 5 are formed. This agrees well with the analysis of local structural environments in amorphous Li y SiO z reported in Sec. 3.1 which predicts formation of short-range Li 2 O domains past Li 2:9 SiO 2 . Although lithium silicides are predicted to form for y > 2, based on the phase diagram, pure LieSi environments are scarce in the amorphous Li y SiO 2 structures observed until y ¼ 4 (Li 4 SiO 2 ). We believe this may in part be due to artificial limitations in simulation unit cell size (see Section 2.2) and as such, not necessarily representative of real samples. Both clustering analysis as well as phase diagram thermodynamics indicate that Si-only clusters are common to amorphous Li 4 SiO 2 and Li 5 SiO 2 (Fig. 3ced) ) compositions as well as amorphous Li 13 Si 4 (Fig. 1 ). Both compositions lie within the phase triangle formed by the Li 4 SiO 4 , Li 2 O, and Li 13 Si 4 , hence the Si dumbbells, Si 4 chains, Y shapes, and Si 5 rings present in Li 13 Si 4 are expected. The silicides are distributed in clusters of size 1e6 evidenced by (relatively) large peaks around sizes 4 and 5 in Li 4 SiO 2 and 1, 2, and 4 in Li 5 SiO 2 . We note that the composition Li 4 SiO 4 forms a particularly stable node in the phase diagram, being present in 5 of the 10 phase triangles and having the lowest formation enthalpy, as seen in Fig. 4c) 
Voltage profile in amorphous Li y Si and Li y SiO 2
The equilibrium potential profiles of the systems were derived from the convex hull and phase diagram (section 3.2) as described in section 2.3 [69] . Within the Materials Project, several stable crystalline lithium silicide phases exist; LiSi, Li 12 Fig. 5a ), the crystalline states follow a stepwise curve from 0.39V to 0V. On the other hand, the lithiation potential of the amorphous lithium silicides is initially found to be higher than the crystalline counterparts, 0.50 V until C ¼ 954mAh=g, where it drops below and smoothly follows the crystalline states. This is a similar trend to that found by Chevrier et al. with the exception that their initial lithiation potential is 0.43 V, a disparity, likely, arising from the difference in the method of obtaining the amorphous structures [77] .
Similar to the case of Si lithiation, the potential profile for Li y SiO 2 , shown in Fig. 5b) was derived from the chemical potential of Li within the composition range between adjacent stable compositions. In the crystalline phases, the initial voltage of SiO 2 exceeds that of Si by almost 1 V. As lithiation progresses and a LieSi environment forms, the voltage drops to values closer to that of Li y Si. The amorphous phases follow a similar trajectory, initially exhibiting a potential of 1.2 V, and ending at 0.06 V. These findings agree qualitatively with experimental studies on bulk SiO 2 which exhibit voltage profiles higher than that of Si, between 1.0 and 1.5V [29, 90, 91] . The preferred equilibrium phase sequence upon lithiation shows the strength of, and preference towards, the formation of LieSi and LieO bonds at the expense of SieO bonds. The formation of Li 13 Si 4 , Li 21 Si 5 , and Li 2 O local environments is favored, even in the first charge, if the anode voltage drops below z 100 mV vs Li/Li þ . During discharge, the lithiated composite (surface phase and bulk) will delithiate in order of increasing potential such that the lithium silicides within the oxide layer and silicides in the bulk Si will delithiate first, forming Li y Si and Li 4 SiO 4 . Only after the Li y Si phases have been completely delithiated will the Li 4 SiO 4 be delithiated to form SiO 2 . However, in practice, limits placed on cycling window (e.g. 3 and 4.2V in LiCoO 2 based batteries [92] ) may result in loss of energy density if the delithiation potential of the silicates is not reached, rendering the lithiation of the silicates functionally irreversible. This is in agreement with experimentally observed capacity losses, from the formation of inactive/irreversible Li y SiO z during the cycling of Li y SiO z [93] , SiO [94] , and SiO z [29, 95] . It is important to note that we do not explore the SiO 2 /Si interface in this study and the aforementioned conclusion is drawn from the voltage profile of the bulk silicides and silicates.
Li diffusion in amorphous Li y Si and Li y SiO 2
Calculated Li diffusivities are shown in Fig. 6 and tabulated with corresponding errors in Table 1 . Previous experimental reports of lithium diffusivity in amorphous Si vary between 10 À16 cm 2 s À1 -10 À7 cm 2 s À1 [37, 38] . We find self-diffusivity values near this range for all of the amorphous lithium silicides, with a general upward trend of diffusivity with increased Li insertion (decreasing voltage), in agreement with studies by Johari et al. and Wang et al. who find diffusivity increasing to 10 À6 cm 2 s À1 in Li 15 Si 4 from 10 À9 cm 2 s À1 in Si, by studying the inter-diffusion of separate Li and Si layers using AIMD at high temperature. Intuitively, as percolating Li-rich environments and pathways are formed within the amorphous matrix (cluster analysis in Sec. 3.1), we expect the Li diffusivity in Li-rich Si to approach that of amorphous Li-metal. Literature values for Li self-diffusivity in Li metal range widely from 10 À10 cm 2 s À1 to 10 À6 cm 2 s À1 [96e98], presumably for polycrystalline samples. In the amorphous silicates, the Li self-diffusivity follows a different trend with composition. For 1 y 2 (LiSiO 2 to Li 2 SiO 2 ) it increases by 2 orders of magnitude. Visual inspection of the Li trajectories in LiSiO 2 shows expected high Li residence time near O and, with large plateaus within the MSD, for each individual Li atom, followed by Li hops to neighboring Si or O, indicating strong attraction between LieO and LieSi which increases the barrier for Li movement. However, once sub-stoichiometric SiO z and Si environments are formed, the Li barrier to migration is lowered as Li moves through increasingly Li-rich environments. At y ¼ 3:0, we expect silicide domains corresponding to an average composition of Li 12 Si 7 , which exhibits a similar Li diffusivity to that found in the composite lithium silicate matrix. This confirms that the formation of these local, yet connected domains, enable faster Li diffusion. As discussed previously, the Li 4 SiO 2 and Li 5 SiO 2 compositions share similar clustering patterns to Li 13 Si 4 which gives rise to similar Li diffusion behavior. Overall, the trend shows that the presence of SiO 2 is likely to have a detrimental effect on overall rate behavior of a Si-based anode, especially at low levels of surface oxide lithiation. Irreversible formation of Li 2 O environments will present a sink for Li inventory while formation of Si and lithium silicide environments will result in a higher Li diffusivity in subsequent cycles.
Summary
We present first-principles calculations of amorphous Li y Si and Li y SiO z , and evaluate their structural evolution, electrochemical voltage, and Li diffusion properties, as a function of Li concentration. The local environments in Li y Si compare well with existing experimental results from electrochemical lithiation. Similar Si short-range motifs are formed in the amorphous lithium silicides as in the crystalline phases, showcasing the preference for formation of 5-membered rings, Y-shapes, and Si dumbbells. Thermodynamic lithiation potentials show that amorphous SiO 2 lithiates at a higher potential than Si, initially approximately 1.2 V vs Li metal. The structural evolution of the amorphous lithium silicates corroborates the thermodynamic lithiation pathway as evidenced in the phase diagram, showing strong preference towards the formation of LieO and SieSi bonds. Aggregation of Si in the amorphous lithium silicates also correlates well with the aggregation of the silicides within the same phase triangle. Initial electrochemical activity of SiO 2 is found at 1.3 V, as compared to $ 0:4 V in Si. Diffusivities of Li in the amorphous silicides are found to be high (order 10 À9 cm 2 s À1 -10 À7 cm 2 s À1 ), increasing with composition, while the amorphous silicates start low ($ 10 À11 cm 2 s À1 ), increasing to 10 À8 cm 2 s À1 . Formation of percolating Li networks at higher Li concentrations coincide with higher Li transport in both the silicides and silicates. In conclusion, we find that SiO 2 is thermodynamically driven to lithiate, by extrusion of Si and increased formation of LieO bonds. SiO 2 also exhibits two orders of magnitude lower Li diffusivity at low Li concentration. Hence, excluding explicit interaction with the liquid electrolyte, we find that the SiO 2 surface may impede Li transport at low Li contents and contribute to loss of Li inventory through the formation of Li 2 O during prolonged cycling. 
